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A bulk nanotwinned austenitic stainless steel containing a large volume fraction of deformation twins was pro-
duced by dynamic plastic deformation. The tensile tests and J-integral fracture toughnessmeasurements indicate
that this steel exhibits a combination of high strength (σys = 920 MPa) and considerable fracture toughness
(KJC N 126 MPa m1/2). The fracture is associated with localized shear band induced destruction of the
nanotwinned structure and with micro-void development at the generated nanoscale large angle grain bound-
aries within the shear bands, which consumes large plastic energy and contributes the fracture resistance.

© 2016 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.

Keywords:
Nanotwinned stainless steel
Fracture toughness
Shear deformation
Void nucleation
Materials with embedded nanoscale twins have attracted extensive
interest in recent years due to their novelmechanical properties, such as
an unusual combination of high strength and good tensile ductility, en-
hanced strain hardening capacity, and improved fatigue resistance [1–
6]. These properties have an important bearing on the special character-
istics of twin boundaries (TBs) that not only restrict dislocation propa-
gation, but also react with and accumulate dislocations [3,5].
Nanotwinnedmaterials hold promise for applications as structural com-
ponents, in which a fracture mechanics evaluation on their fracture re-
sistance is highly demanded to ensure structural reliability and safety.
However, in contrary to the strengthening and deformation mecha-
nisms that have been extensively studied [7–10], investigations regard-
ing the fracture mechanism of nanotwinned metals are extremely
scarce.

The fatigue crack growth tests by Singh et al. [6] revealed that ultra-
fine-grained Cu with nanoscale twins exhibits enhanced damage toler-
ance in comparison to twin-free samples. Through in-situ transmission
electronmicroscope (TEM) investigations, Shan et al. [11] observed that
crack grew in a zig-zag path across nano-twin lamellae. The molecular
dynamic (MD) simulations by Zeng et al. [12] and by Kim et al. [13] fur-
ther demonstrated that nanoscale twins not only substantially blunted
micro-crack tips, but also served as crack bridging ligaments as the
crack advanced. These experimental investigations andMD simulations
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indicate that the incorporation of high-density nanoscale twins is po-
tentially beneficial to provide enhanced damage tolerance [2,6,12–15].

However, the studies carried out so far majorly focus on the fracture
process of nanotwinned thin sheets that are inevitably in plane stress
state, which may be distinctly different from the fracture behavior of
bulk samples in plane strain state. Accurate evaluation of the intrinsic
plain strain fracture toughness of nanotwinned materials, which en-
ables the damage tolerant design required for many structural applica-
tions, is still lacking. The scarcity of such researches can be in part
ascribed to the fact that current preparation techniques, such as electro-
deposition andmagnetron sputtering [4,16,17], do not deliver adequate
sample volumes for fracture toughness tests.

Contrarily to growth nano-twins, nanoscale deformation twins are
more easily generated during plastic deformation of metals with medi-
um or low stacking fault energies, which makes it feasible to prepare
bulk nanotwinned metals [18–20]. For instance, dynamic plastic defor-
mation (DPD) has been demonstrated to be a practical approach to in-
troduce nanotwinned structures in various kinds of bulk metals and
alloys [21–24]. In the present study, a large volume fraction (~60%) of
nanoscale deformation twins is introduced into a 316L stainless steel
(SS) by DPD under a controlled compression strain. The fracture tough-
ness of this bulk nanotwinned steel is then evaluated by elastic-plastic J-
integral method, and the fracture process is discussed based on micro-
structural characterization and fractographic analysis.

Thematerial used is a commercial AISI 316L SSwith a composition of
Fe-16.42Cr-0.02C-0.37Si-1.42Mn-0.011S-0.040P (wt.%). The as-re-
ceived steel was first annealed at 1200 °C for 1 h to generate uniform
equiaxed austenitic grains with an average size of ~100 μm, and then
treated by the DPD technique at ambient temperature. The setup and
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processing parameters of the DPD treatment were described in detail
elsewhere [25]. Cylindrical samples with a diameter of 23 mm and a
height of 4.5 mmwere compressed into disks with final dimensions of
28 mm in diameter and 3 mm in height. Accordingly, the imposed
total true strain, defined as ε = ln(hi/hf), is about 0.4, where hi and hf
are the initial and final height of the treated sample, respectively. This
strain was selected in purpose tomake the volume fraction of deforma-
tion twins as large as possible.

The fracture toughness was assessed by J-integral measurement
using a single specimen procedure according to ASTM E1820-11 [26].
For the J-integral test, miniaturized single edge-notched bend (SEB)
specimen with a thickness of 2 mm, a width of 4 mm, a span distance
of 16 mm and a total length of 22 mm, was machined from the DPD
disk, with the thickness direction of the SEB specimen corresponding
to that of the DPD disk. The crack plane normal direction and the
crack propagation direction are parallel to the tangential and radial di-
rections of the DPD disk, respectively. The SEB specimens were first
notched by electro-discharge machine and then fatigue pre-cracked to
a total original crack length a0 of ~2 mm. Finally, the samples were
monotonically bent to extend the sharp crack on an Instron 5848
micro-tester at a constant displacement rate of ~0.3 mm min−1. The
corrected cross-head displacement of the tensile machine was used to
represent the load-line displacement v [27], and the instantaneous
crack length awasmonitored using direct current potential dropmeth-
od [28].With the synchronously recorded P, v, and a, the J-integral resis-
tance curve was computed following the standardized procedure [26].

To reveal the fracture process, the microstructure of the as-treated
and fracture tested DPD sample was characterized by a scanning elec-
tron microscope (SEM; FEI NovaNano 430) and a transmission electron
microscope (TEM; JEOL 2010). The fracture surface was examined by
the SEM, and by a confocal laser scanning microscope (CLSM; Olympus
LEXT OLS4000) to determine the three-dimensional topography.

Cross-sectional SEM observations of the DPD sample (Fig. 1a) indi-
cate that the grain boundaries (GBs) are still distinguishable and the
original equiaxed grains become slightly elongated normal to the com-
pression direction. The transverse grain size ranges from 20 μm to
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Fig. 1. (a) SEM observations of the cross-sectional microstructure of the DPD sample, showing
images of the deformation twins and the deformed coarse grains, corresponding to b and c reg
100 μm, with an average value of 50 μm. Numerous deformation
bands making angles close to ±45° with respect to the DPD compres-
sion direction can be detected in most grains. Closer TEM observations
(Fig. 1b) reveal that these bands are deformation twins, verified by
the corresponding selected area electron diffraction (SAED) pattern.
Most of the twin/matrix lamellae are thinner than 200 nmand the aver-
age thickness is ~40 nm. Inside the twin/matrix lamellae, there are nu-
merous dislocations accumulating at the TBs. Statistical analysis
indicates that N60% of the deformed grains possess such deformation
twins. No shear bands or crackswere detected due to the small imposed
strain. Besides the grains with deformation twins, there are also some
deformed grains with only dislocation tangles and/or dislocation cells,
see Fig. 1c and the single crystal SAED pattern, corresponding to the fea-
tureless areas in Fig. 1a. These twin-free grains were found to disperse
among the nanotwinned grains and to occupy the remaining 40%
volume.

Tensile tests show that the as-annealed coarse-grained 316L SS pos-
sesses a yield strength σys of 275 ± 5 MPa and an ultimate tensile
strength σuts of 585 ± 9 MPa. After the DPD treatment, σys is increased
to 920 ± 20 MPa and σuts to 962 ± 20 MPa. Both σys and σuts are re-
markably improved as compared to those of the coarse-grained coun-
terpart, which has been demonstrated to arise out of the nanoscale
deformation twins impeding dislocationmovement [22,23]. In contrary,
the DPD treatment results in obvious reduction in tensile ductility. The
uniform elongation εu decreases from 58 ± 5% at the coarse-grained
state to only about 1 ± 0.5%, and the elongation to failure εf is reduced
from 67 ± 4% to 15 ± 1%.

Fig. 2a shows the representative curves of the force P and the instan-
taneous electric resistance R as a function of load-line displacement v for
the DPD sample. R values were used to calculate the crack extension Δa
during bending by using a calibrated R–a curve. The calculated J–Δa
curves (Fig. 2b) indicate that the DPD sample exhibits stable crack
growth and the crack propagation resistance significantly increases
as the crack extends, analogous to the fracture tests of other nanostruc-
tured metals [29–31]. The crack blunting line is represented by J=
2σYΔa, where the effective yield strength σY = 941 MPa is the average
20 µm
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numerous deformation bands inside most of the original coarse grains. (b) and (c) TEM
imes in (a), respectively.
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Fig. 2. (a) Typical curves of forceP and electrical resistanceR versus load-line displacement
v for the fracture test of DPD 316L SS sample. (b) Calculated J–Δa curve from the data in
(a). The inset in (b) displays the photo of SEB samples before and after the bending test.
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of σys and σuts. The intersection of the 0.2 mm offset blunting line with
the J–Δa curve yields a provisional J-integral value JQ of 148± 7 kJ m−2,
which corresponds to the J-integral as the crack extends 0.2 mm. The
sample geometry satisfies the minimum thickness requirement for
obtaining a size-independent value of fracture toughness, namely B≥
10 JQ/σY [26]; however, the straight crack front requirement is violated
as the crack front becomes curved due to significant confinement from
plane stress side surfaces of miniaturized samples. As a consequence,
the present JQ of DPD 316L SS should only be regarded as the upper
limit of plane-strain fracture toughness JIC.

Alternatively, the J-integral of stable crack growth initiation can be
estimated by measuring the crack tip opening displacement δ. Fig. 3a
displays the SEM observation on the transition area from the fatigue
pre-crack region to the overload fracture area in the sample center (in
plane strain state), where an obvious stretched zone can be detected
(marked between the two white dash lines). The CLSM measurements
on the stretched zone show that the fracture initiation site is 20 ±
5 μm high with respect to the fatigue pre-crack plane, an indication of
significant plastic blunting of the crack tip prior to the initiation of
crack extension. To further visualize this obvious crack blunting, a sam-
ple bent to the critical point at which crack growth initiated was
sectioned at the midpoint along sample thickness and observed by
SEM. The photo in Fig. 3b confirms that the crack has been evidently
blunted to a root radius of 18 ± 3 μm, consistent with the stretched
zone height. Based on these measurements, δ at crack initiation is esti-
mated to be ~40 μm (sum of the stretch zone heights at the two halves
of a fractured specimen or two times of the crack tip root radius). The
crack initiation J-integral Ji, calculated by using the relationship Ji=
2σYδ [32], is 75 kJm−2. JIC is defined as J-integral at 0.2mmcrack exten-
sion and hence should be larger than Ji, since J-integral increases with
crack growth.

Combining the J–Δa curve and the fractographic measurement, the
valid JIC should fall in the range of 75 to 148 kJm−2. The equivalent crit-
ical stress-intensity factor KJC is calculated as 126 to 177 MPa m1/2 by
using the relationship K JC ¼

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
E JIC=ð1−ν2Þ

p
, where E is the Young's

modulus and ν is the Poisson's ratio. For comparison, the fracture tough-
ness of the coarse-grained austenitic stainless steel with low σys is re-
ported to be in the range of 175–400 MPa m1/2 [33], while
conventional cold working reduces the fracture toughness to 85 MPa
m1/2 as the σys is increased to 725 MPa [34]. The results demonstrate
that the nanoscale TBs can remarkably improve the strength of 316L
SS while maintaining considerable fracture toughness.

Fractographic observations (Fig. 3c) show homogeneous equiaxed
dimples, manifesting that the sample fails in a ductile manner involving
void nucleation and coalescence. The diameters of most dimples are
larger than 20 μm, with an average value of ~48 μm, which is close to
the grain size (~50 μm) but nearly three orders of magnitude larger
than the average twin thickness. Three-dimensional (3D) topography
(Fig. 3d) obtained by CLSM of the same area in Fig. 3c demonstrates
that these dimples appear not to lie in a common plane. The peak-to-
valley height Δh of the selected area can be as large as 230 μm, much
larger than the grain size.

For the crack propagating in a ductile coarse-grained material with
low yield strength, void formation and coalescence associated with the
presence of non-metallic inclusions are commonly observed [35,36]. In
this study, the 316L SS sample had a high purity level and was carefully
heat treated, and hence the inclusion density is relatively low. Some
coarse dimples on the fracture surfacewere characterized to be nucleat-
ed at these inclusions (with inclusions being detected at the dimple bot-
toms). The effects of the inclusions in the nanotwinned 316L SS on the
void nucleation and on the significant crack path tortuosity are analo-
gous to those in conventional ductile fracture. However, in addition to
the dimples nucleated at the inclusions, there are still a large amount
of inclusion-free dimples with the size of several tens of micrometer
on the tortuous fracture surface, an indication that the fracture of
nanotwinned 316L SS is quite different from that of conventional
coarse-grained steels.

In order to unveil the intrinsic fracture mechanism, the microstruc-
tural evolution ahead the crack tip was carefully examined by SEM
and TEM, as shown in Fig. 4. Fig. 4a shows numerous micro-voids are
formed in the plastic zone ahead of the blunted crack tip. Closer view
(Fig. 4b) on the microstructure adjacent to a micro-void clearly indi-
cates that evident strain localization in form of shear bands (marked
by white arrows) develops in the nanotwinned grain and that the
void is located in the middle of a well-developed shear band with a
width of ~2 μm. It appears that the nucleation of micro-void in the
nanotwinned structure is intimately associated with the occurrence of
localized shear bands, which has been recognized to control the failure
of some metals [37].

Fig. 4c shows several freshly nucleatedmicro-bandswith a thickness
of ~100 nm. These bands accommodate the plastic deformation when
dislocation activities are suppressed by the high-density TBs and gradu-
ally develop into shear-bands with increasing strain [38]. The
nanotwinned structure inside the shear bands is dramatically damaged
by the substantial localized plastic deformation and eventually convert-
ed to elongated sub-grains. The transverse thickness of the sub-grains is
~50 nm inside the shear bands, as shown in Fig. 4d. The SAED pattern
from the area outlined by the dashed circle displays diffraction spots
in arc shape, manifesting that high-angle GBs have formed inside the
well-developed shear bands. Under further accumulated strain, the
nanoscale GBs or triple junctions probably directly act as nucleation
sites for micro-voids inside the shear band, because of their high energy
states and the buildup of stress concentration caused by plastic strain
incompatibility between neighboring grains [39,40].
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Fig. 3. (a) SEMobservations on the transition area from the fatigue pre-crack to the overload fracture,which clearly shows thepresenceof a stretched zone,markedbywhite dash lines. (b)
Cross-sectional observation of the main crack tip at the midsection of a SEB sample unloaded near the peak load. (c) Closer observations on the fracture surface showing typical plastic
dimples. (d) Three-dimensional CLSM observations on the area corresponding to Fig. 3c, depicting the depth variations of the fracture surface. Color in the color-bar represents the
relative depth in unit of μm.
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The above microstructural observations demonstrate that void nu-
cleation through localized shear deformation and complete destruction
of nanotwins (as displayed in Fig. 4) should be a possible and important
underlyingmechanism. This process produces the dimples on the tortu-
ous fracture surface (Fig. 3c). Both the void nucleation and interconnec-
tion involve extensive deformation and damage of the nanotwins, thus
consuming large irreversible plastic energy. During these processes, it is
worth noting that the high-density coherent TBs do not directly act as
void nucleation sites, and hence the average dimple size is still quite
large, close to the mean grain diameter (Fig. 3c). This feature is funda-
mentally distinct from the traditional strengthening approaches. For in-
stance, in materials strengthened by grain refinement or second-phase
particles, the dimple sizes become smaller, and the crack path tortuosity
is largely reduced as well, due to the increased density of void nucle-
ation sites incorporated by such strengthening agents [41,42], resulting
in reduced fracture resistance. In contrary, the nanotwinned structure is
unique in strengthening the materials significantly while not dramati-
cally deteriorating the fracture toughness.
As summary, the fracture behavior of a nanotwinned 316L SS con-
taining 60% volume fraction of randomly orientated nanotwinned
grains was examined. The results indicate that a combination of high
yield strength and considerable fracture toughness can be achieved in
the nanotwinned 316L SS. The microstructural characterization near
the crack tip demonstrates that the void nucleation and crack propaga-
tion are dominated by the localized shear deformation destructing the
nanoscale twins into largely misoriented GBs. This process dissipates
large irreversible plastic energy, and appears to be beneficial for provid-
ing crack propagation resistance.
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Fig. 4.Microstructural evolution ahead the crack tip observed at the midsection of a SEB sample unloaded near the peak load during bending. (a) Blunted crack tip and numerous micro-
voids near the crack tip. (b) Microstructure near a micro-void, showing that multiple shear bands cut through the TBs and the micro-void is located inside a shear band. (c) TEM
observations showing several micro-bands in the nanotwinned area. (d) Nanoscale grains with relatively large misorientations within a thick shear-band.
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